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PROJECT SUMMARY:
The objectives of this project were to obtain a fundamental understanding of wide-gap chalcopyrite semiconductors and photovoltaic devices. Information to be gathered included significant new fundamental materials data necessary for accurate modeling of single and tandem-junction devices, basic materials science of wider-gap chalcopyrite semiconductors to be used in next-generation devices, and practical information on the operation of devices incorporating these materials. Deposition used a hybrid sputtering and evaporation method shown previously to produce high-quality epitaxial layers of Cu(In,Ga)Se 2 (CIGS). Materials analysis was also provided to assist members of the National CIS Team of which, through this contract, we were a member. Solar cells produced from resulting single-crystal epitaxial layers in collaboration with various members of the CIS Team were used to determine the factors limiting performance of the devices based on analysis of the results.
SUMMARY OF ACCOMPLISHMENTS:
Early in this program as we were deciding how to adapt to changing budgets (see Level of Effort Section at the end of the document), NREL announced a new record solar cell performance with the observation that the material had been processed in such a way as to result in a (110) preferential surface orientation. Because epitaxial growth allows us to determine the surface orientation of our films specifically by choice of the substrate surface on which the film is grown, a major focus of the project concerned the nature of (110)-oriented CIGS films and the performance of solar cells produced therefrom. We begin this summary therefore with a description of the results for growth on (110) GaAs, which formed a basis for much of the work ultimately conducted under the program.
Study of (110)-oriented CIGS
The following description was published originally in the Proceedings of the IEEE Photovoltaic Specialists Conference in Anchorage Alaska in August 2000.
CIGS films were deposited using a hybrid sputtering and evaporation technique. "Epi-ready" (110), (001) and (111)B GaAs substrates were introduced into the growth chamber without pretreatment. Prior to growth the native oxide was desorbed by heating to 610 °C for 10 minutes.
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The In, Ga, Cu fluxes were generated by magnetron sputtering In and Cu-Ga alloy (Cu 0.72 Ga 0.28 or Cu 0.8 Ga 0.2 ) targets in 0.3 Pa ultrapure Ar gas. Se was supplied in excess from an effusion cell. The substrate temperature was measured by a thermocouple calibrated with optical pyrometry. The minimum temperatures for epitaxy were found to be 540, 640, and 700 °C for the (110), (100), and (111) substrates, respectively. Typical growth rates were 1.0 µm/hour and the thickness of grown layers ranged from 0.1 to 1.5 µm. After deposition, samples were cooled to 400 °C in 20-40 minutes under a reduced Se flux to prevent thermal expansion mismatch induced cracking. No Na was intentionally added to any of the films and Na levels in the epitaxial layers were low.
Surface morphologies were studied by scanning electron microscopy and atomic force microscopy. The thicknesses of the layers were measured by cross-sectional SEM. Average compositions were measured by energy dispersive X-ray spectroscopy (EDS) while depth profiles were obtained by secondary ion mass spectrometry (SIMS). The structure, orientation and crystal quality of the deposited layers were characterized by electron backscattering diffraction patterns (EBDP) and by X-ray diffraction (XRD) using a triple-axis high resolution diffractometer and Cu Κα 1 radiation. Typical resolution was 0.006° in 2θ. Electronic properties were measured by temperature-dependent Hall-effect and solar cell device fabrication.
Results and Discussion
Samples were grown over a wide range of compositions on all three substrates but concentrated on the near-stoichiometry slightly In-rich compositions typically used in high-performance solar cells. Films grown below ~600°C had Ga contents determined by the Cu-Ga target composition, while films grown at higher temperatures showed increasing Ga due to diffusion out of the substrates. A typical XRD scan from an epitaxial layer grown at 540°C on (110) GaAs is shown in Figure 1 . Fitting the resulting spectrum showed two Lorentzian components centered at 44.452 and 44.508° with full widths at half maximum (FWHM) of 0.088° and 0.064°. The GaAs substrate peak FWHM was 0.0064°. Comparison with the standard powder diffraction data and the measured Ga composition of the film (Ga/In+Ga = 0.17) suggests that these two peaks correspond to approximately equal volume fractions of (220) and (204) domains. The small tetragonality of the unit cell at this composition makes domain boundaries common. The presence of the domains did not significantly disrupt the epitaxial growth but resulted in stacking Hole concentration and mobility for the (220) layers were determined as a function of temperature and the results are shown in Figure  2 . A dramatically different behavior was found for the (220) samples compared to the behavior of the (112) and (002) samples. The hole concentrations are uniformly lower by a factor of ~20 in the (220) samples and the shallow acceptor present in the other samples is missing. In addition, the hole mobility is significantly reduced and changes its behavior. The extremely uniform nature of the mobilities in the (112) and (002) samples for all compositions contrasts with the large variability in the (220) samples. The mobility data can be interpreted as resulting from vertically-oriented defect clusters on (002) or (112) planes which intersect the current path of the Hall-effect measurement in the (220) (a) samples. If this is correct, then the lower mobility in the (220) samples may not be relevant to devices where carriers move normal to the film plane.
To understand the possible implications of the above results on device performances, the AMPS computer model was used to simulate hypothetical devices with varied hole concentrations. Uniform energy gap and graded-gap absorber devices were modeled and similar results were found with and without grading, although exact values of model parameters varied slightly. Typical values for materials constants were used for the CIGS, dip-coated CdS, and ZnO layers. The Mo back contact was assumed to produce a 0.3 eV Schottky barrier to p-CIGS. A back surface mirror of Ga-rich material was included but was only significant for non-graded devices.
It was found that a thin (1-5 nm) n-type surface layer was essential to successful device simulations, as expected. The properties of the absorber layer (recombination cross sections and hole and defect concentrations) and the surface n-layer thickness and carrier concentration were adjusted to fit the record-performance solar cell current-voltage curve and spectral response. The blue response of the device was dominated by the CdS properties but a good fit was obtained with reasonable values for the dip-coated CdS material.
A good fit to the 18.8% NREL device performance on a (204)-oriented film was obtained with a hole concentration of p=4x10 15 cm -3 in the absorber layers, in agreement with typical values for high quality devices. Raising the carrier concentration in the model by 20x with no other changes in the model decreased the performance of the simulated device resulting in a good fit to the NREL device on (112) material (17.7% efficient). While this does not establish conclusively that the improvement in performance in the record device was due to the use of (220)-oriented films, it is suggestive.
Standard understanding of devices indicates that performance should improve with higher rather than lower carrier concentrations. This behavior was found in some simulations when the absorber had very high defect concentrations. However, an adequate simulation of both spectral response and current/voltage curve of the record device was not obtained when such high defect densities or cross-sections were used. Overall, the results above suggest that in a very high performance solar cell, a decrease in hole concentration of the magnitude observed in the epitaxial growth experiments could lead to the level of improvement obtained in devices at NREL.
Direct proof of improved performances with (110) oriented films was not obtained by fabrication of solar cells from the epitaxial layers. Best device performances ranged from 8.5% on a (112) epilayer to 6.4% on a device on a (220) layer. The relatively low performances most likely result from the relatively high Ga content (Ga/In+Ga ~0.3), the lack of intentionally-added Na, delays due to shipping the samples between growth and device fabrication, and the relative thinness of the epitaxial layers (0.75 µm). (Thick epitaxial layers [>1 µm] often crack.) The GaAs substrate may also have affected performances. Results for the devices on each orientation of epitaxial layer are given in Table I .
We conclude that the improved solar cell result reported for (204)-oriented CIGS was probably not the result of formation of (204) or (220) surfaces. This work shows those surfaces to be unstable and to decompose into (112) type facet faces during vapor phase growth. The lower carrier concentration observed in (220)-oriented epitaxial layers could explain the improved device results based on simulations of the high performance device using AMPS. Epitaxial devices do not show this effect as the device performances are not sufficient to improve upon reduction in hole concentration in the absorber. Epitaxy was demonstrated by EBSD. For epitaxial layers on GaAs (001) and (110) substrates, consistent EBSPs were collected across the whole sample area and all observed Kikuchi bands matched perfectly with those from the respective GaAs substrates, indicating that epitaxial layers were obtained. For layers on GaAs(111)B, two alternating sets of patterns were obtained: one matching those of the substrate, the other corresponding to twins that rotated the crystal lattice 180° about the substrate normal. Most films grown under Cu-poor conditions have a high density of stacking faults and twins. Our layers on GaAs(111)B show about 40% of the surveyed areas having rotated backscattering patterns and a typical twinned domain size of 2-4 µm. The patterns from all epitaxial layers were more diffuse than those from the GaAs substrates and fewer Kikuchi bands were resolved.
In principle, it is possible to determine the orientation of a chalcopyrite crystal by identifying the diffraction symmetries of certain zone axes in EBSPs. For example, the [001] axis in the chalcopyrite structure is a tetrad with Laue space group 2mm, the same as the <100> axes in the sphalerite structure, while the [010] and [100] axes are Laue space group 2 and, therefore, have 7 no mirror planes. In practice, however, it is very difficult to identify any asymmetrical features because CIGS of the composition studied here is approximately isometric (c/2a~1). We were not able to identify any of those asymmetrical features unique to chalcopyrite. Possible explanations include the limited dynamical range of the CCD camera, surface roughness, multiple unit-cell orientation domains, and other defects in the films.
Standard ("ω/2θ") XRD scans show only substrate and CIGS peaks. No polycrystallinity or peaks from minority second phases were observed. Fig. 3 shows the spectra of two CIGS/GaAs(110) epitaxial layers grown under different conditions. Sample (a) CuIn 0.73 Ga 0.37 Se 2.18 (average composition measured by EDS) was grown at 680 °C with the Cu 0.72 Ga 0.28 target. Its composition depth profile is shown in Fig. 4 and its surface morphology in Fig The peak fit for the sample deposited at 540°C is shown in Fig. 1 . While the peak is relatively broad, it includes a flattened top indicating the presence of multiple constituents. We know the Ga content of the film from the EDS, the XRD peak position, and the SIMS analysis. Thus, we can estimate the relative positions of the (220) and (204) peaks. The best fit to the peak shows the presence of both (220) and (204) reflections, although the data does not permit reliable relative intensity determinations. It does appear though that both domains are present in the material in roughly equal quantities. The tetragonal chalcopyrite structure of CIGS is closely related to the sphalerite structure of the substrate. A CIGS unit cell can be derived from two cubic unit cells of ZnSe by orderly substitution of the Zn atoms with Cu and In atoms. The resulting unit cell does not have a height (c) of twice the base dimension (a) because Cu-Se and In-Se have different bond lengths. However, because the Ga-Se bond length differs from that of In-Se, the c/a ratio is a function of x=Ga/(In+Ga) ratio, progressing from c/a>2 for x=0 to c/a<2 for x=1. It is clear that when the CIGS is grown epitaxially on sphalerite substrates, multiple orientations are possible depending on the alignment of the c-axis with respect to the substrate. Generally, the preferred orientation is such that the strain energy due to lattice mismatch is minimized, although exceptions exist. Growth kinetics and surface energy variations were proposed as possible causes of the exceptions. For our CIGS layers, the c/2a ratios are very close to unity, thus the difference in strain energy due to orientation variation is minimal and multiple orientations most likely coexist in the layers. Rocking curve peak FWHM values from 0.41° to 0.51° were found for the CIGS/GaAs (110) layers. This is much larger than typical values of ~0.2° for the epitaxial CIGS on GaAs (001) or (111)B, indicating a distinctly larger range of tilt angles between domains in the crystal structure and thus presumably more dislocations.
Different epitaxial temperatures were found for substrates of different orientations: 540°C for (110), 640 °C for (001), and 700 °C for (111)B. Below these temperatures, the layers were polycrystalline. The process of epitaxy requires accommodation of each type of atom at its proper location on the lattice by insertion into surface steps. We note that the differences in epitaxial temperature correlate well with the differences in density of steps on the respective surfaces. Thus, on the (111)B substrates, the surface would be expected to consist almost entirely of Se-terminated facets, with metal-terminated facets only present upon rare inclined faces or on surface steps. On (001) substrates the surface consists of highly-elongated ripples which emphasize the (112) Se termination but which include significant amounts of both types of step. On (110) surfaces the average surface is composed of exactly equal numbers of both types of exposed surface (metal and Se) intermixed on a relatively fine scale. Thus, any type of adatom should be straightforward to accommodate with relatively short diffusion distances. As expected, we find that the epitaxial temperature is apparently correlated with an effective distance needed for a given atom to reach an acceptable growth step.
Ga Diffusion in (220)/(204) Oriented Films
The temperature dependence of the Ga diffusivity is apparent from the shapes of the XRD peaks. Samples grown at 680°C showed broad (220)/(204) XRD peaks (Fig 3) , corresponding to a change of lattice constant with the change of Ga content through the depth of the films. On the other hand, samples grown at 540°C have well-defined symmetric peaks (Fig 3) . SIMS analysis of the (220)/(204)-oriented films showed that little interdiffusion occurred at low temperatures ( ∼ 540 °C ) but increased at higher temperatures (Fig. 4) . At 680
x, rises from about 0.27 near the surface to 0.45 near the CIGS/GaAs interface, while the Cu, Ga+In and Se contents remain approximately constant throughout the film. Similar Ga diffusion results were obtained for other orientations, although lower deposition temperatures were not possible due to the higher epitaxial temperatures.
A large lattice mismatch is expected between the CIGS and the GaAs. Typical mismatch strains would be ~1.2% to 1.6% based on the Ga contents and growth temperatures used in this study with a corresponding critical thicknesses for strain relief of ~20 nm. Strain energy reduction thus provides a significant driving force for diffusion of Ga into the epitaxial layer during growth as observed previously for other substrate orientations. However, the films suffer tensile thermal stresses during the post-growth cooling because the thermal expansion coefficient of the CIGS is larger than that of the substrate (α CIS =11.0×10
. In cases where thick layers (> 750 nm) were allowed to cool rapidly after growth, cracks were observed along [001] directions due to this mismatch strain. Cracking was much more common for films grown on (110) GaAs than other orientations, presumably because of either the asymmetry of the (220)/(204) surface or because of higher resolved stress on the fracture planes.
Surface Morphology of CIGS (220)/(204)
Fig . 5 shows the SEM images of two epitaxial films grown at (a) 680°C and (b) 540°C, and discussed above. Both surfaces are replete with facets. Apparently, the surface morphology depends strongly on the growth temperature. Sample (a) exhibits large, extended and welldefined facets in contrast to the much smaller features on sample (b). However, close inspection reveals that all films share two major facet types parallel to [ Low temperature films exhibit the same types of facets but with smaller faces. The type-A facets are especially small and discontinuous in the [1 10] direction and are inclined ~26° with respect to the substrate surface. Type B facets are relatively wide with a curved contour and a less steep angle of about 17° with respect to the substrate due to their multiple surface steps. Small vertical facets were also observable. The major effect of increased growth temperature seems to be on the facet size and orientation.
The surface morphology observed suggests a three-dimensional behavior in which terrace nucleation and terrace growth compete to control surface morphology. It is hypothesized that growth on the surface of type B facets is much faster than on type A facets and that the films grow through nucleation of new layers on top of the type B facets. This accounts for the surface morphology and the relative tilts of surface planes shown in Fig. 6 . At elevated temperatures the terrace width on type B facets increases as a result of the higher mobility of surface species. The concurrent reduction in free adatoms on the surface will simultaneously reduce step nucleation. Note that the {112} A and B type facets are polar with one consisting of a mixture of Cu, Ga, and In atoms while the other consists of Se atoms.
Absolute polarity identification is possible by special diffraction techniques, among which X-ray anomalous dispersion method and Kossel experiments are most widely used. In practice, calibrated chemical etching is more convenient and frequently used instead. Unfortunately, in the case of Cu(In,Ga)Se 2 , no report about the preferential etching properties is available. However, if we assume that the bonding at the epitaxial growth interface is Ga to Se or As to Cu, Ga, or In, the epitaxial layer must maintain the polar orientation of the substrate, i.e., the polarity of the surface can be deduced from that of the substrate. It has been established that (111)A is the slowest etching direction in GaAs under certain etchants. The polar orientation can be readily determined by examining the preferential etching profiles with an optical microscope. The results here show that type A facets have a {112}Me surface and type B facets a {112} Se surface.
Summary
XRD confirms the formation of epitaxial layers and a distinct mosaic structure on GaAs (110). Ga diffuses through the films at higher growth temperatures as was observed previously for other CIGS epitaxial layer orientations. Pronounced faceting was observed on the surfaces of the films. The epitaxial temperature for the (220)/(204) layers is considerably lower than that on any other surface tested and is attributed to the higher density of both types of surface steps. The surface is proposed to grow by motion of Se-terminated terraces across Se-terminated surface facets, causing these facets to be rough and leaving the metal-terminated facets relatively smooth. The facet growth rate is moderate relative to the rate of nucleation of new facets.
Modeling of Solar Cell Device Performances
Modeling of solar cells was carried out using the AMPS computer code. 
Selection of AMPS Input Parameters
The first step in modeling any solar cell is to obtain a detailed analysis of its performance. While capacitance/voltage and deep level analyses would be helpful, the minimum necessary set includes light and dark currentdensity/voltage (j/V) and bias-dependent spectral response. Temperature-dependent j/V measurements are very helpful in removing contact behaviors from the results as well. For this work, device results were provided by the Institute for Energy Conversion at the University of Delaware (IEC), Global Solar Energy (GSE) and Shell [Siemens] Solar (SS).
Given this data to fit, the second step is to obtain a composition depth profile from which the absorber layer composition [x and y in Cu(In x Ga 1-x )(S y Se 1-y ) 2 ] can be determined.
(See Figure 7) Based on values of x and y, the conduction and valence band edges can be approximated.
Here composition depth profiles were obtained by SIMS. 13 change in gap due to x and 80% of the change in gap due to y. While very rough estimates, these values are probably good enough considering the other assumptions made when entering data into AMPS. An example of a composition depth profile for a SS absorber and the corresponding estimated band edges are given in Fig. 8 . This was then converted into discrete segments manually and entered into AMPS. Absorption coefficients were taken from published data for CuInSe 2 and shifted to account for changes in energy gap. CdS absorption was based roughly on published data but net results varied significantly from laboratory to laboratory based on spectral response curves. This is due primarily to thickness differences in the CdS layers but also somewhat to changes in composition resulting from different dip-coating recipes.
The primary input parameters used here for AMPS are given in Table II . In addition, there are parameters for the front and back contacts and the ZnO layers. For the front contact, the work function is relatively unimportant as long as it does not contribute series resistance. Top contact reflectivity was used to fit the peak spectral response, was between 0.1 and 0.05, and was constant for a given device laboratory. Back contact reflectivities were fit based on the red response edge for the cell. In general, adequately sharp red-response edges were not obtained unless the reflectivity of the back contact was between 0.5 and 1.0. The back contact work function should be 0.75 eV based on literature values for Mo. This resulted in excessively high Schottky barriers in graded-junction devices rich in Ga to the rear of the device. A temperaturedependent characterization of a SS device showed a light-dependent Schottky barrier with a fixed height of ~0.3 eV but where the reverse saturation current was light-dependent. Because the SS device is relatively thin, it is likely that light penetrated to and affected the rear contact. The observed barrier height does not correspond well to the Mo work function and the assumed band edge positions. Here, the barriers were reduced by increasing the Mo work function. The true barrier is either very leaky due to high doping at the back contact or to interfacial defects or the electron affinity of the CIGS is lower than assumed in this work. Finally, the recombination velocities for both contacts were set to the AMPS default of 10 7 cm/sec, roughly the thermal velocity of carriers.
The properties of the ZnO layer were largely irrelevant to the fits with the exception of avoiding a large band-offset with the CdS and avoiding excessive absorption. The ZnO was assumed to have an electron affinity of 4.00 eV with an energy gap of 3.30 eV. The donor concentration in the n ++ ZnO was assumed to be 10 20 cm -3 . Moderate variations in these estimated values did not have a significant effect on the simulations. Because the minority carriers have all recombined The most important input parameters are those for the CIGS and CdS. These include absorption coefficient (measurable), energy gap and electron affinity (estimated as described above), dielectric constant and band edge density of states (from AMPS defaults), and carrier mobilities and gap states (fit as restricted by literature values). When values were not known, such as defect cross sections for interactions with free carriers, these parameters were adjusted to fit an IEC device with no compositional gradients. Resulting values are listed in Table II . The relatively low values of electron and hole mobilities were based on recent Hall-effect measurements of p-CIGS similar to that used in the absorbers of devices simulated here. Higher values up to those measured for single crystals (~300 cm 2 /V-sec at 300 K) are possible for carriers traveling within individual grains. Nominally, electron mobilities should be higher than hole mobilities. Modeling shows some effect of the mobilities but the effect is very weak.
The primary relatively unknown variables that are critical to device models are the defect and doping states in the CIGS and CdS. Trapping and release rates are important, and doping levels are significant to establishing depletion widths. Preliminary experimental data are now available 15 for some of the devices modeled here concerning deep level densities and energies in CIGS. The interesting feature of these results is that they are consistent for a wide range of Ga contents and deposition techniques. Important to using AMPS is data on tails on the CIGS bands and trap states near the conduction band edge. The results suggest that the wider band tail has a characteristic width of ~0.022 eV. A reasonable source of such band tails is compositional disorder on the metal sublattice including both antisite and vacancy defects. Such defects are commonly thought to accommodate stoichiometry variations in the material. Furthermore, alloying generally replaces Ga with In. Overall, it seems likely that defects would primarily broaden the conduction band edge. In current fits, both edges were broadened symmetrically for lack of specific data for the sharper edge.
The experimental data also yielded evidence of trap states 0.8 eV and 1.0 eV above the valence band edge with concentrations and miniband widths as shown in Table II . Experimentallyobserved densities of these states were assumed for the fit of the IEC device. From this fit, cross-sections were determined. The same defects were assumed to also be present in the GSE and SS materials and to have the same interaction cross-sections. Only the band tail widths, the concentration of defects and the band tail energies were allowed to change from device fit to device fit. The acceptor concentration in device layers ranges from 0.8 to 20 x10 16 cm -3 . Various studies have characterized these values and fits were forced to stay within this range.
Finally, it should be noted that the surface of the CIGS must be inverted (n-type). Here this was accomplished by the addition of the thinnest possible n-type interlayer (2 nm) with properties as listed in Table II .
RESULTS
The j/V and QE data for an IEC device of constant composition were fit to determine the defect cross-sections for given defects as listed in Table II . The true figure of merit is probably the product of cross section and defect density. Based on fitting of the relatively simple IEC structure, two graded-composition devices, one from GSE containing only a Ga gradient, and one from SS containing both a Ga and S gradient were fit. It provides some confidence in the values in Table II , that changing only the band edges, defect concentrations, and the back Schottky barrier, good fits to all devices could be obtained. SIMS analysis results (Fig 7) for an SS device led to the AMPS band edges shown in Fig 8. A similar band-edge diagram (without S effects) was obtained for the GSE device. Parameter values in AMPS were not changed as a function of alloy composition, although the defect density is likely to rise in high Ga-content alloys. Note: it is not claimed here that the fits reported are definitive, and only aspects of the fits which appear relatively unequivocal are discussed below. Thus issues such as changes in defects with composition could be included but can only be treated in an ad-hoc way at this point.
More significant conclusions from AMPS
Very strong inversion of the CIGS/CdS interface is essential to fitting the device results here. The simulation suggests a carrier concentration of the order of >10 21 cm -3 in the interlayer, corresponding to roughly one dopant state in 50 atoms. This would be reasonable for donor defects driven by an interfacial layer. Such a high (or even higher) concentration of donors is nearly essential to understanding the interface given the possibility of Fermi level pinning by point defect cluster decomposition in an n-type region.
Given what is known about the defect states and band tails, the most sigificant remaining fitting parameter is the acceptor density of states in the absorber. Because this determines the depletion width and affects recombination and carrier concentations, it has a large effect on the results. Satisfactory fits were obtained within the expected concentration range with little change from one material to another. Better data on acceptor density would be important to improving fits. In addition, hole and electron mobilities had a modest effect. Electron mobility primarily affects the blue portion of the spectral response, while the hole mobility primarily affects the red response. Surprisingly, increasing the carrier mobility can decrease the spectral response and short-circuit current in some simulations.
Based on the experimental data shown in Fig 7 and the SS AMPS fits (Fig 8) , it appears that for expected values of acceptor density in this material the sulfur penetrated too far into the device, resulting in a bump in the conduction band edge. This bump, while not large, probably resulted in a loss of red-response in the device. Such red-response degradation was exacerbated by low carrier mobilities.
All of the devices modeled here showed significant light-to-dark crossover in the j/V curves. Such photoconductivity is normally thought to result from defects in the CdS. No satisfactory light-to-dark crossover was obtained by introducing defects in the CdS simulated layer. These defects only led to series resistance in the device. However, the CIGS/CdS conduction band offset and the CIGS band tail widths both affected light-dark crossover. A systematic experimental study of band tail effects on crossover would be helpful. Higher CIGS/CdS band offsets produced more photoconductive response but reduced fill factor due to series resistance. The photoconductive effect due to the band offset was limited and adequate fits of experiments were not obtained. Probably the majority of the disagreement concerning cross-over is in inadequate parameters or in problems with the model of the CdS.
Surface Morphology and Growth Mode of CIGS (112)
Toward the end of the contract period, we began a study of the difference in surface morphology and surface properties of the two surfaces (112)A and (112)B which were observed for the growth on (110) GaAs. Because substrates can be prepared with the (111) A and B surfaces, these two surfaces can be grown independently. The work, reported at the IEEE Photovoltaic Specialists Conference in New Orleans in 2002 was begun under the current program. The following results were obtained during the final quarter of this program.
EXPERIMENTAL
CIGS films were deposited using a hybrid sputtering and evaporation technique. Commercially supplied ``epi-ready'' (111)B and (111)A GaAs wafers were used as substrates. The In, Ga, and Cu fluxes are generated by magnetron sputtering of In and Cu or Cu-Ga alloy targets in 99.9999 % pure Ar at a pressure of 0.3 Pa. Se is supplied in excess from an effusion cell. Layers with a range of compositions were obtained by varying the flux ratio of Cu-Ga relative to In and by changing the Cu-to-Ga ratio in the Cu-Ga target. Growth temperatures ranged from 480 to 720 °C. Typical growth rates were 1 µm/hr and the thicknesses of grown layers were 0.1-1.5 µm. After deposition, samples were cooled slowly to 400 °C in 20--40 minutes under a reduced Se flux to reduce film-substrate interface decohesion and film cracking. Decohesion problems limited the thickness of most films to ~0.75 µm, which was found to reliably avoid such decohesion problems. This probably limits the performance of solar cells produced from these layers.
Epitaxial CIGS films with compositions typical of the absorber layers of the high-efficiency solar cells were deposited. The [Cu]/([In]+[Ga]) ratios ranged from 0.82 to 0.93 and were near stoichiometry. Epitaxy was demonstrated by electron backscattering and x-ray diffraction. Consistent electron backscatter patterns were collected across sample surfaces and all observed Kikuchi bands matched perfectly with those from the respective GaAs substrates, indicating that epitaxial layers were obtained. XRD spectra show only substrate and CIGS peaks. No extra peaks from polycrystalline grains or minority second phases were observed. The epitaxial temperature was ~540 °C for growth on GaAs (110), ~640 °C on GaAs (001), ~660 °C on GaAs (111)A, and ~700 °C on GaAs(111)B.
The resulting films were characterized extensively by atomic force microscopy (AFM), scanning electron microscopy (SEM), electron backscattering diffraction (EBSD) analysis, X-ray diffraction (XRD), secondary ion mass spectrometry (SIMS), Auger electron spectroscopy (AES), and angle-resolved photoelectron spectroscopy (XPS). Solar cells have also been produced from these layers by W. Shafarman at the Institute for Energy Conversion at the University of Delaware and have been further characterized by J. Heath and D. Cohen at the University of Oregon and by Y. Strzhemechny and L. Brillson at the Ohio State University, and scientists at the National Center for Photovoltaics at NREL. The AFM instrument has a vertical resolution sufficient to resolve fractions of surface step heights, with lateral resolutions of ~1 nm on some surfaces.
RESULTS
Films on (110) GaAs spontaneously facet to polar (112) faces of two opposite polarities, as described above. To further analyze the two polar surfaces in detail, samples were grown on polar (111) GaAs surfaces. The films are assumed to take the polarity of the underlying substrate. Both of the resulting surfaces have remarkably similar surface morphologies, consisting of wide, atomically-flat, and remarkably triangular surface terraces forming broad triangular pyramids on the surfaces, see Fig 9. The pyramids on both surfaces have a shallow facet angle of up to 2° and are typically several microns on a side. The Se-terminated (112) B films contain 180° rotational twins, leading to similar rotations of the pyramids. This is easily observable in SEM and AFM micrographs of the surfaces. Metal-terminated (112) A surfaces show no twinned regions. Backscatter pattern analyses show a small tilt angle between adjacent pyramids. In spite of the differences in twinning, the films morphologies are remarkably similar, especially in light of the differences observed on the (110)-oriented films. This is not surprising in one respect. The morphology on the (110) films is determined by transfer of atoms from one polar surface to the other with growth dominated by one face. On the polar (112) surfaces, no such transfer is possible and both are constrained to grow at a rate determined by the atomic fluxes.
Small terraces on thin films are almost always round or only partially faceted. On the CIGS films the terraces are extremely triangular. There are six possible surface step orientations of two types. One type has single dangling bonds while the other has two dangling bonds per atom in the step edges. Analysis of the morphology of the (110)-oriented films when combined with the structure of the (112) polar facets suggests that the two-dangling-bond-peratom step geometry dominates these surfaces. One would expect that such steps would have higher energies than the single-dangling-bond steps unless there is a regular organization of the steps or a step-edge reconstruction. We anticipate that such a reorganization can easily occur given the alternation of atoms on the steps. One of the three steps of each type has alternating metal atoms (Cu-In-Cu-In in CuInSe 2 ), while the other two types have pairs of atoms of one kind followed by pairs of the other kind (Cu-Cu-In-In along the step edge). The extreme preference of the surface steps for one geometry is remarkable and almost unknown among compound surfaces.
Cathodoluminescence Depth Profiling
The near surface behavior of CIS epitaxial layers is clearly interesting based on the above work. 
EXPERIMENTAL
Two types of samples were investigated. Specimens of the first type with a free CIGS surface had chalcopyrite epilayers grown on GaAs wafers by a hybrid sputtering and evaporation technique from Cu, Cu-Ga and In magnetron sources and a Se effusion cell as described above. All the CIGS single-crystals yielded good-quality rocking curves. The CIGS layers had approximately the same thickness of 750 nm for all orientations. Average compositions for each sample were determined by energy dispersive spectroscopy. All the samples were group-III rich and had a p-type bulk conductivity. The hole concentration for those sample varied within 10 -16 -10 -17 cm -3 with the Hall mobilities ~300 cm 2 /V-sec at room temperature. The present choice of the Ga/(In+Ga) ratios corresponds to the relative abundances found to produce record cell efficiencies. The samples of the second type studied -polycrystalline CIGS surfaces, in a CdS/CIGS heterojunction as well as free surfaces -were prepared at the National Renewable Energy Laboratory using multisource evaporation. The structure consists of a molybdenum covered soda-lime glass substrate, over which a ~2 µm thick polycrystalline CIGS layer, followed by a 60 nm CdS layer are deposited.
The cathodoluminescence spectroscopy (CLS) experiments were performed in a UHV chamber equipped with a cold stage. An electron beam of variable energy and flux was electronically chopped to improve signal detection. A Carl Leiss single flint prism monochromator dispersed the CL intensity for spectral analysis. Liquid nitrogen cooled Ge and thermoelectrically cooled S-20 detectors and a Stanford Research lock-in amplifier detected the CL emissions.
RESULTS
CIGS/GaAs epilayers
CIGS epilayers deposited on GaAs substrates exhibit strong differences in surface morphology as a function of growth orientation. In agreement with previous measurements as part of the investigations described above, the (112) samples are covered with smooth pyramids spaced roughly 5 µm apart and ~80 nm high. The (002) surfaces appear to be flat terraces 0.5-1.0 µm wide separated by 100-200 nm troughs. Elongated pit-and-furrow ripples can be observed, associated with the (112) polar planes. The (220)/(204) surfaces exhibit rough ledges 100 nm high, spaced 150 nm apart. The two polar {112} facets, selenium-or metal-terminated, produce these ledges on the (220)/(204) faces. As can be seen from these AFM images, the (112) surface is the smoothest and the (220)/(204) surface is the roughest. The SEM images (not shown) are in good agreement with the AFM results.
It would be quite natural to assume that these distinctions in surface morphology may bring in differences of the types of planar and point defects present, and variations in their depth distribution. In order to determine whether these variations in surface morphology lead to differences in electronic defects, we use a low energy, depth-resolved form of CLS, termed Low Energy Electron Nanoluminescence (LEEN) Spectroscopy, as the primary tool to probe the optoelectronic properties of the surface and their variations with depth. The LEEN technique is based on the energy dependence of excitation depth with electron beam energy increasing on a keV scale. Figure 10 shows the quantitative relationship between the electron beam energy E B , the maximum range of penetration R B , and the depth of maximum electron-hole pair creation U 0 for the nucleon and density values of CuIn 0.7 Ga 0.3 Se 2 . Similar curves apply to other In/Ga ratios. Figure 11a illustrates the major LEEN results for the (112) orientation. Here, two major peaks are evident -a near-band edge (NBE) emission and a deep level (DL) feature. These major spectral features are similar for the other orientations. This similarity is remarkable, considering the substantial differences in surface morphology. LEEN experiments were also run with the sample stage cooled down to 180 K. Figure 11b shows a typical temperature variation of the CL spectra demonstrating an increased DL emission intensity at lower temperatures. These measurements are evidence for different thermal quenching behaviors of the DL and the NBE peaks.
Perhaps the most important aspect of Fig. 11a is that the DL intensity relative to the CIGS NBE emission intensity decreases with increasing depth of excitation. This behavior is observed for all CIGS orientations, regardless of surface morphology. Fig. 12 shows the DL/NBE ratio as a function of electron beam energy E B . The decrease in I(DL)/I(NBE) with increasing E B indicates that deep level emission resides preferentially in a surface and sub-surface layer less than a hundred nm thick. Error bars are associated primarily with a slow, time-dependent decrease in the NBE emission with electron beam exposure and, to a lesser extent, with slight sample-tosample variations. DL emission intensity does not change with beam exposure. The decrease in the relative DL vs. NBE signal with increasing excitation depth is a very strong indication that, despite modest differences in composition and significant differences in surface morphology, we observe a systematic behavior in all our samples: formation of a surface layer with altered electronic properties tens of nanometers thick with relatively strong DL signal. 
Polycrystalline (CdS)/CIGS/Mo/Glass (heterojunction) films
We also applied LEEN analysis to investigate electronic properties at the polycrystalline CIGS surface, free and in a heterojunction, specifically, a solar cell prototype. An AFM image (not shown here) of the top surface of this (solar cell) structure reveals roughness comparable to that of the epilayers. Irregular formations hundreds of nm high and with sub-micron-to-micron lateral features dominate the surface, apparently reflecting similar roughness of the underlying CIGS layer interface. The thickness of the CdS layer (~ 60 nm) makes it well suited for probing with LEEN since the interface is easily distinguished from CdS surface features at energies that retain nanoscale localization. The main features of this depth analysis for the heterojunction sample appear in Fig. 13 . They are: CdS broad DL band at 1.6-1.7 eV, CIGS near NBE emission at 1.15 eV with multiple peaks below. Figure 13 shows that the strong DL emission in CdS decays with depth relative to the growing CIGS NBE emission. (For these low E B , the DL emission of the CIGS itself is almost absent.) Multiple peaks are observed in the low-energy range of the spectrum. They can be explained by the cavity resonance interference and will be discussed below.
Monte-Carlo calculations provide the LEEN energy-range relationship in Figure 13 and indicate the distribution of excited electron-hole pairs within the p-n junction geometry. Fig. 13 indicates that excitation of the buried CIGS layer is not expected to have a significant spectral contribution until E B exceeds 1.5 keV. This is in agreement with the intensity behavior in Fig. 13 and is an indicator of the nanoscale diffusion length of minority carriers that would otherwise eliminate the pronounced dependence on excitation depth.
LEEN spectral features of a free polycrystalline CIGS surface (not shown) are similar to those in Figure 13 : a pronounced NBE luminescence together with lower energy interference fringes. Naturally, the broad higher-energy emission associated with the deep levels of CdS is not observed.
DISCUSSION
In CIGS, the properties of the surface strongly depend on the bulk stoichiometry. CIGS-based solar cells employ In/Ga-rich chalopyrite layers with Cu/(In+Ga) ratio similar to the one in the current studies. Our Auger measurements reveal a Cu-deficient surface composition, consistent with device simulations (see above). The LEEN-based observations described above suggest that we may observe a unique surface chemistry in the CIGS/GaAs epilayers. Figures 11 and 12 explicitly demonstrate that there is a nanometer scale layer with relatively high defect emissions. This phenomenon is apparently insensitive to the crystal growth orientation and the surface morphology associated with it. Sample-to-sample bulk composition deviations have no significant effect as well, despite the fact that even slight variations of the Cu/In ratio may notably affect the positions of the emission peaks for In-rich materials.
It should be noted that the strong dependence of surface morphology on crystal orientation is not unexpected. This phenomenon results from the discrepancies in surface stability in different crystallographic directions. The most stable surface facets are formed by one of the two (112) surfaces, either Se or metal terminated. This high stability of the (112) planes leads to termination of mostly all surfaces (for different growth orientations) with those polar facets and explains the observed differences in surface morphologies. It is reasonable to assume that a high near-surface concentration of uncompensated defects causes the DL peak. Formation of a large number of electrically neutral defect complexes such as (V Cu -1 In/Ga Cu 2+ V Cu -1 ) is expected to produce such low a density of holes. The probability of formation as well as the self-arrangement of these complexes can be significantly affected by the proximity of the surface. Since the surface layer is believed to have an inverted, n-type conductivity the surface concentration of donors should exceed the bulk values. Although thermally quenched relative to emission at low temperature (see Figure 12b) , the DL emission is observed even at room temperature and is likely to be related to a free-to-bound transition rather than a donor-acceptor pair. The latter transitions are observed in photoluminescence spectra at lower temperatures and reveal their bound-to-bound characteristic behavior. Our temperature-dependent and excitation intensitydependent photoluminescence studies are more consistent with bound-to-free interpretation and will be published elsewhere. The origin of a deep donor defect, separated by ~200 meV from the bottom of the conduction band, is not well established. Nonetheless, a reasonable assignment can be made, based on previous theoretical predictions. An alternative to this picture can also explain the dependencies in Figs. 11 and 12 . One can speculate that the relatively lower efficiency of the NBE radiative recombination is due to a higher surface concentration of nonradiative recombination centers. However, such non-radiative recombination would be expected to decrease all features in the spectra as is commonly observed in other systems.
In the case of CdS/CIGS interface (Fig. 13) , we observe similar variations of deep level vs. NBE emission intensities with the depth of excitation. Here, the deep level-related emission is localized in a thin CdS overlayer. The nature of this DL emission is commonly associated with sulfur vacancies. Moreover, the intensity of this emission seems to be stronger at the CdS free surface. At the same time, in contrast to Fig. 11 , the DL of CIGS is (tremendously reduced and is) obscured by the low-energy multiple-peak emission. There is qualitative and quantitative evidence that the latter could be explained by a resonance on the CIGS optical cavity of the radiation excited in the sample. Positions of the fringes are consistent with interference maxima on a cavity with a dielectric constant of 2.8 and a measured thickness of 2.5 µm. Occurrence of this resonance phenomenon in the Mo/glass-based samples may be related to specific reflective properties of the CIGS/Mo interface. It is quite natural to assume, that the origin of the fringes is in the broad deep-level emission extending into the band gap. Analysis of the LEEN spectra for the polycrystalline CIGS not capped with CdS indicates that the relative integrated intensity of this deep-level radiation exhibits a depth dependence similar to that shown in Fig 13 for the CIGS/GaAs epilayers. This is another substantiation of a distinct surface phase. Numerical analysis and discussion of these results will be published elsewhere. Comparison of the LEEN spectra for the polycrystalline CIGS with and without a CdS overlayer suggests that the CdS/CIGS heterojunction does not yield any radiative transitions associated specifically with the interface states and the band offsets. (The absence of any detectable CIGS DL emission may be due to a passivation of the near-CIGS-surface region by the CdS capping.) However, one should be cautious in comparing the LEEN results obtained on epitaxial CIGS/GaAs vs. polycrystalline CdS/CIGS/Mo/glass samples. The sample preparation was based on different growth techniques and might have produced significant structural and compositional differences. In this respect, it would be appropriate to perform systematic LEEN studies of the CdS/CIGS interfaces employing CIGS single-crystal epilayers.
The depth dependence of the CIGS emission intensity spectra in Fig.13 can also provide an estimate of the diffusion length of minority carriers within the CdS overlayer. The Monte Carlo simulations provide the expected range of excitation, whereas the LEEN spectra indicate the range of excitation plus diffusion of minority carriers. Hence, at the E B for which LEEN spectra show the exponential onset of CIGS NBE emission, the difference between these two lengths yields the diffusion length. For the CdS/CIGS sample studied here, the CdS thickness of ~ 60 nm minus the ~ 20 nm excitation depth interpolated to occur at ~ 1.0 keV, yields a diffusion length of holes within the CdS overlayer of ~ 40 nm.
SUMMARY
CIGS epilayers grown with different orientations and similar chemical compositions on GaAs substrates exhibit large differences in surface morphology. Nevertheless, these CIGS epilayers reveal similar surface and sub-surface electronic properties, namely the formation of a top layer tens of nanometers thick with the deep level emission rising at the free surface. CIGS band gap energies measured are consistent with predictions for the specific stoichiometries investigated. The CIGS deep level energy is consistent with formation of In/Ga-rich antisite-vacancy pairs. In a prototype CdS/CIGS heterointerface, we observe a broad resonating DL emission in the CIGS along with a defect emission in the overlayer CdS. In addition, depth dependent LEEN gives a measure of a minority carrier diffusion length in the CdS nanoscale overlayer.
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